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Abstract 

Research  in  the  third  program  year  has  examined  fatigue  and  toughness  behavior  of 
composites  with  6061  and  7090  or  7191  alloy  matrix  material,  with  the  goal  being  better 
understanding  of  relationships  between  microstructure  and  mechanical  properties  of  these  matrices 
with  particulate  SiC  reinforcement.  Tensile  and  fatigue  testing  results,  in  air  and  in  corrosive 
enviroments,  of  the  various  microstructures  (i.e.  aging  conditions)  chosen  are  presented,  along 
with  toughness  results  and  finite-element  studies  to  interpret  the  observed  toughness  levels.  The 
strong  microstructural  dependence  of  mechanical  properties  is  emphasized,  along  with  possible 
avenues  for  improvement  of  these  properties. 


Background  and  Summary 


This  is  the  final  report,  incorporating  the  third  annual  report,  on  the  subject  program. 
During  this  third  year,  the  program  has  been  conducted  with  a  sub-contract  to  the  Illinois  Institute 
of  Technology  (IIT)  in  Chicago,  where  I.M.  Bernstein  is  now  Provost  and  Academic  Vice 
President.  The  experimental  materials  for  this  research  are  composites  with  an  aluminum-alloy 
matrix  and  particulate  SiC  reinforcements.  The  goal  of  the  work  is  to  advance  fundamental 
understanding  of  the  performance  of  these  and  related  composites,  since  the  Al-SiC  system  can 
serve  as  a  model  system  for  composite  behavior.  There  is  already  ample  evidence  that  properties 
and  performance  of  these  composites  depend  on  both  processing  variables  and  on  metallurgical 
variables  such  as  microstructure.  We  have  been  particularly  interested  in  the  behavior  of  the 
interfaces  in  the  composites,  because  of  indications  that  the  properties  are  sensitively  dependent  on 
interfacial  strength.  One  means  of  addressing  the  behavior  of  interfaces  is  to  introduce  hydrogen 
into  the  composite,  in  order  to  alter  interfacial  behavior  without  greatly  affecting  other  mechanical 
characteristics  of  the  composite.  As  was  reported  in  the  first  annual  report  (MEMS-ALC-11), 
considerable  experimental  work  has  demonstrated  the  profound  effects  of  hydrogen  on  ductile 
fracture  behavior.  That  report  highlighted  research  at  Carnegie  Mellon  University,  particularly  the 
M.S.  research  of  Ann  Voelkel. 

The  second  annual  report  (MEMS-ACL-12)  emphasized  work  on  mechanical  behavior 
conducted  at  IIT,  under  the  direction  of  Professors  S.  Mostovoy  and  M.  Dollar  of  the  Dept  of 
Metallurgical  and  Materials  Engineering,  together  with  I.M.  Bernstein.  That  work  concentrated  on 
crack  arrest  toughness  in  7091  aluminum  matrix  composites  with  20%  SiC  reinforcement.  Fracture 
initiation  sites  were  identified,  as  were  the  roles  of  microcracking  and  crack  deflection  in  the 
observed  magnitudes  of  fracture  toughness,  Kjc-  These  toughness  values  were  higher  than  would 
be  expected  from  the  relative  values  of  tensile  ductility. 

For  the  third  year,  Robert  F.  Buck  has  completed  his  M.E.  research  project  on  fatigue  in 
both  6061  and  7090  alloy  matrix  composites  with  SiC  particle  reinforcement,  and  those  results  are 
presented  below  in  some  detail.  In  addition,  the  extensions  of  last  year's  work  at  IIT  are 
presented,  particularly  finite-element  studies  to  understand  more  fully  the  toughness  and  sharp- 
crack  testing  results  obtained  earlier. 


PART  1 


ENVIRONMENTAL  AND  FREQUENCY  EFFECTS  ON  FATIGUE  CRACK 
GROWTH  RATES  IN  ALUMINUM-SILICON  CARRBIDE  COMPOSITES 


R.F.  Buck  and  A.W.  Thompson 
Carnegie  Mellon  University 


ENVIRONMENTAL  AND  FREQUENCY  EFFECTS  ON  FATIGUE  CRACK 
GROWTH  RATES  IN  ALUMINUM-SILICON  CARBIDE  COMPOSITES 


R.F.  Buck,  Jr.  and  A.W.  Thompson 
Metallurgical  Engineering  &  Materials  Science  Department 
Carnegie  Mellon  University 
Pittsburgh,  Pennsylvania  15213 


ABSTRACT 

Fatigue  crack  growth  rate  (FCGR)  of  two  aluminum- based  (6061, 7090)  silicon  carbide 
reinforced  (20  vol.%)  composites  tested  in  dry  argon,  distilled  water  and  3.5%  NaCl  environments 
have  been  investigated.  Compact  tension  (CT)  specimens  were  subjected  to  two  loading 
frequencies:  10  Hz  and  1Hz.  Load  ratio  was  0.15.  Both  composites  exhibited  Paris  law 
dependence  at  mid-to-high  AK  ranges.  At  low  AK  values,  however,  some  6061  specimens 
initially  exhibited  decreasing  FCGR  with  increasing  AK,  possibly  due  to  hydrogen  diffusing  ahead 
of  the  fatigue  precrack  tip  and  becoming  trapped  at  SiC  particles.  This  behavior  only  occurred  for 
specimens  stored  in  laboratory  air  prior  to  testing.  The  7090  composite  system  was  insensitive  to 
the  hydrogen  ingress  phenomenon.  For  both  composites  when  tested  in  the  transverse  orientation 
at  low  AK  levels,  microscopic  effects  such  as  hydrogen  diffusion  and  dislocation  transport,  and 
hydrogen  crack  tip  evolution  determined  FCGR  behavior.  At  low  AK  both  systems  exhibited 
progressively  higher  growth  rates  in  the  order:  argon,  distilled  water,  salt  water.  The  7090 
composite,  though,  was  more  sensitive  to  salt  water  than  was  the  6061  composite.  As  crack  speed 
increased  crack  growth  rates  became  progressively  less  sensitive  to  environment  and  loading 
frequency,  suggesting  that  at  high  AK  values,  above  a  critical  growth  rate,  macroscopic  mechanical 
(inertial)  effects  dominate  the  aforementioned  microscopic  effects.  In  most  environments  for  both 
composites,  increasing  the  loading  frequency  increased  FCGR  behavior,  implying  that  strain  rate 
(impulse)  effects  generally  dominate  environmental  (corrosion)  effects.  FCGR  was  correlated  to  a 
microscopic  fracture  surface  parameter,  the  'characteristic  length’,  L,  defined  as  the  total  striation 
length  in  a  given  fatigue  fracture  surface  area,  and  is  a  function  of  pinnacle  area  fraction  and 
morphology,  and  the  number  of  striations  per  pinnacle.  Qualitatively,  it  was  observed  that  da/dN 
scales  as  L. 
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INTRODUCTION 


Aluminum-based  silicon  carbide  reinforced  composites  are  currently  being  considered  as 
candidate  materials  for  aerospace  applications  due  primarily  to  their  high  stiffness-to-weight  ratio. 
Through  advanced  processing  techniques  <1>,  several  composite  systems  such  as  aluminum  + 
silicon  carbide  show  engineering  promise  due  to  improvements  in  yield  and  ultimate  tensile 
strengths  over  their  respective  unreinforced  base  alloys.  <  2,3>  Unfortunately  composite 
designers  have  not  been  able  to  systematically  advance  the  state-of-the-art  since  it  is  not  clear 
exactly  how  SiC  particles  strengthen  aluminum.<4>  Nor  are  the  mechnisms  governing  fatigue 
resistance  well  understood<5-9>,  especially  the  environment's  degradating  role  on  mechanical 
properties.<10-19>  The  particle  reinforcement/metal  matrix  interaction  during  various  loading 
conditions  is  very  complex<20>,  and  as  yet  there  are  still  unanswered  questions  regarding  the 
possible  detrimental  environmental  effects  on  such  salient  material  properties  as  static  and  cyclic 
fatigue  life  and  fatigue  crack  growth  rate.  In  addition,  the  influence  of  testing  parameters  such  as 
load  ratio,  R,  load  frequency  and  crack  orientation  (relative  to  rolling  direction)  have  not  been  fully 
quantified  for  the  6xxx  and  7xxx  family  of  aluminum  composites.  Regarding  environmental 
corrosion  fatigue,  many  researchers  have  suggested  possible  mechanisms  including  hydrogen 
embrittlement  ,<21,22>  Since  corrosion  fatigue  in  aqueous  solutions  involves  simultaneous 
anodic  and  cathodic  processes,  it  is  impossible  to  separate  each  from  the  other.  However,  it  is 
possible  to  increase  the  hydrogen  concentration  and/or  promote  hydrogen  charging  at  the  tip  of  a 
growing  crack  by  changing  the  environmental  testing  condition. 

Our  goal  was  to  investigate,  on  a  macroscopic  scale,  the  effect  of  three  different 
environments,  each  supporting  different  hydrogen  conditions  at  the  crack  tip,  and  concommitant 
mechanical  Mode  I  cyclic  loading  frequency  variations  on  FCGR;  and  to  correlate  the  observed 
behavior  to  (a)  microscopic  fracture  surface  parameter(s). 
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BACKGROUND 


We  investigated  the  fatigue  crack  growth  rates  of  two  aluminum  based  composites:  6061 
and  7090.  See  Table  1  for  base  compositions. 


Table  1 

Base  Aluminum  Chemistry 


Allov 

Mg 

ZQ 

Si 

Qi 

Cl 

Ai 

6061 

1.0 

— 

0.6 

0.3 

— 

0.2 

Bal.  (all  weight  percents) 

7090 

2.5 

8.0 

— 

1.0 

1.5 

— 

Bal. 

Each  base  metal,  through  powder  metallurgical  techniques<20>  was  combined  with  silicon 
carbide  particles  such  that  the  final  composite  contained  20  volume  percent  silicon  carbide.  The 
average  diameter  of  the  particles  in  the  6061  system  was  5|I  (average  aspect  ratio:  1.5,  max  aspect 
ratio:  4)  while  in  the  7090  composite  the  average  particle  diameter  was  2\i  (ave.  A.R.:  1.1,  max. 
A.R.:  4).  Typical  polished  and  etched  microstructures  appear  in  Figs.  1&2, 6061  and  3&4,  7090. 

The  7090  composite  microstructure  contained  numerous  surface  "holes"  ranging  in  size 
from  0.5  to  3  p.  This  feature  is  probably  due  to  inadvertant  SiC  particle  pullout  during  polishing. 
Similar  bi-modal  void  distributions  have  been  observed  elsewhere.<23>  Particle  clustering  in  the 
6061  composite  is  evident  from  Fig.  5  (500x).  In  regions  of  clustering,  SiC  particles  pin 
aluminum  grains,  whereas  in  particle-depleted  zones,  grains  are  largep  A  higher  magnification 
SEM  image  of  aluminum  grains  in  the  6061  composite  is  shown  in  Ftg.6. 

Both  the  6061  and  7090  composites  were  produced  by  DWA  Composite  Specialties 
(Chatsworth,  CA.)  Each  was  shipped  in  the  'as-extruded'  condition;  6061:  0.5"x5.0",  7090: 
0.5"x3.0".  Westmoreland  Mechanical  Testing  (Youngstown,  PA)  machined  the  compact  tension 
specimens  to  final  dimensions  of:  B=0.157",  W=1.0",  nominal. 
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Figure  1:  Typical  polished  and  etched  6061  composite  microstructure  (low  magnification.) 


Figure  2:  Typical  polished  and  etched  6061  composite  microstructurc  (high  magnification.) 
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Figure  3:  Typical  polished  and  etched  7090  composite  microstructure  (low  magnification.) 


Figure  4:  Typical  polished  and  etched  7090  composite  microstructure  (high  magnification.) 
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Figure  6:  High  magnification  SEM  image  of  aluminum  grains  in  6061  composite. 
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The  as-received  specimens  were  heat  treated,  then  polished  using  240,  320,  400  &  600 
SiC  grit  and  6  &  lp.  diamond  paste.  Each  composite  was  tested  in  three  different  environments: 


dry  argon,  distilled  water  and  3.5%  salt  water  at  a  fatigue  frequency  of  either  1  or  10  hertz. 
See  Table  2  for  specimen  designation. 


Table  2 

Material  Test  Matrix  (Environment  Orientation  -  Frequency) 


6061  (T-6*) 

7090  (**) 

AL-lOHz 

AT- 10  Hz 

AL-lOHz  AT- 10  Hz 

WL-10 

WT-10 

WT-10 

WT-1 

WT-1 

ST- 10 

ST- 10 

ST-1 

ST-1 

A,  argon;  W,  distilled  water,  S,  salt  water,  L,  longitudinal;  T,  transverse 


A  problem  arose  when  we  attempted  to  grow  fatigue  precracks  in  the  70%  T-6  composite. 
Specimens  broke  catastrophically  even  when  low  loads  and  frequencies  were  used.  After  realizing 
the  impracticality  of  testing  the  7090  T-6  composite,  several  non-standard  heat  treatments  were 
devised  and  tried.  (This  procedure  is  not  unusual;  peak  aged  heat  treatments  for  many  matrix 
alloys  are  not  always  the  ideal  heat  treatment  for  the  corresponding  composite. )<25>  See  Table  3 
for  candidate  heat  treatments. 


*  1  hr.  (530°C);  water  quench;  6.5  hr.  (175°C);  water  quench. 

**  T-6  heat  treatment  (peak  age)  resulted  in  an  extremely  hard  and  brittle  material  (RH-B  =  98) 
which  precluded  practical  fatigue  crack  growth  testing  and  crack  measurement..  An  alternate  heat 
treatment  is  described  below. 
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Table  3 


Candidate 

Heat  Treatments  for 

7090  Composite 

Number 

Solutionizing 

Aging 

Annealing 

temp.(°C)  /  time 

temp.(°C)  /  time 

iemp.(°C)  /  time 

1 

495  /  2  hours 

R.T./  ongoing 

N/A 

2 

495  /  2  hours 

120/2  hours 

N/A 

3 

495  /  2  hours 

N/A 

410/3  hr.;  deer.  @  2  °/min.  to  270 

4 

495  /  2  hours 

120/24  hours 

410/3  hr.;  deer.  @  2  °/min.  to  270 

5 

495  /  2  hours 

120/40  hours 

N/A 

6 

495  /  2  hours 

120  /  4.5  days 

N/A 

The  most  promising  heat  treatment  was  #4  in  which  the  7090  composite  was  solitionized 
for  2  hrs.  (495°C),  water  quenched,  aged  24  hrs.  (120°C),  water  quenched,  annealed  3  hrs. 
(410°C),  slowly  cooled  to  260°C,  and  water  quenched.  This  alternate  heat  treatment  resulted  in  a 
softened  microstructure,  containing  stable  precipitates  -  as  evidenced  by  its  steady  state  room 
temperature  hardness  value  of  60  RH-B  (vs.  99  RH-B  for  7090-T6  and  82.5  for  6061 -T6).  The 
hardness  vs.  aging  time  (at  room  temperature)  behavior  of  this  and  other  "candidate"  heat 
treatments  is  shown  in  Figure  7.  Room  temperature  tensile  properties  for  each  extruded 
composite,  found  elsewhere  <20,34,35>,  are  shown  in  Table  4. 


Table  4 

Composite  Tensile  Properties  (Extruded,  Typical) 


Material 

orientation 

E  (GPal 

YS  (MPa) 

TS  (MPa) 

£f 

6061+SiC 

transverse 

91 

409-427 

480-500 

4.3 

6061 +SiC 

longitudinal 

108-122 

414-447 

545-588 

2.0 

6061 

N/A 

74 

276-357 

311-386 

12 

7090+SiC 

transverse 

-- 

643-723 

675-784 

1.3 

7090 

N/A 

-- 

586 

627 

10 
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EXPERIMENTAL  PROCEDURE 


Our  experimental  set-up  is  shown  in  Figure  9.  All  specimens  were  fatigue  precracked  in 
laboratory  air  at  3,  5  or  10  Hz.  Cracks  were  grown  to  the  appropriate  precrack  length, 
recommended  by  ASTM-E647-81,<24>  and  were  measured  using  a  20x  traveling  microscope 
with  precision  to  0.013  mm  (0.5  mils).  Specimens  were  thin  enough  to  permit  visual  crack 
monitoring  from  only  one  side,  per  ASTM  guideline.  In  all  cases  except  one  (7090  salt  water,  1 
Hz)  a  specimen's  crack  length  was  measured  in  situ.  To  accurately  note  the  correct  crack  length 
the  loading  frequency  of  specimens  being  tested  at  10  Hz  was  temporarily  lowered  to  0.5  Hz  to 
facilitate  precise  crack  measurement,  afterwhich  10  Hz  load  cycling  resumed.  Cracks,  growing 
under  1  Hz  frequencies,  were  measured  without  interrupting  the  cyclic  periodicity.  [The  7090  salt 
water,  1  Hz.  specimen,  being  immersed  in  salt  water  for  several  days,  developed  surface 
corrosion  which  prevented  visual  crack  length  measurement  in  situ.  To  obtain  each  crack  growth 
rate  data  point,  the  specimen  was  unloaded  from  the  environmental  chamber  and  testing  machine, 
repolished  to  1  (I,  installed  into  the  chamber  again  whereby  the  original  maximum  and  minimum 
loads  were  applied,  and  the  crack  length  finally  measured.  This  process  was  repeated  until  the 
specimen  broke.] 

For  both  fatigue  precracking  and  actual  testing  the  load  ratio  =  Pmin/Pmax  =  0.15.  Load 
shedding  decreased  AK  during  the  precracking  such  that  when  the  crack  was  sufficiently  long  (per 
ASTM  guideline),  AKth  was  reached.  The  actual  test  was  then  begun  using  Pmax  and  Pmin  of 
AKth-  These  loads  were  not  changed  for  the  duration  of  the  test.  In  some  cases,  CT  specimens 
were  stored  in  laboratory  air  for  as  long  as  20  days  prior  to  testing.  The  consequence  of  this  action 
will  be  discussed  in  the  'Results  and  Discussion’  section. 


ENVIRONMENTAL  CHAMBER 


RESERVOIR 


Figure  9:  Experimental  set-up 

For  dry  air  testing,  argon  was  fed  through  a  drierite  bed,  then  passed  through  copper- 
coiled  tubing  immersed  in  methanol,  chilled  to  -60°C  by  dry  ice  additions.  The  dry  argon  was 
then  fed  into  the  enclosed  testing  chamber  -  afterwhich  it  passed  through  an  hygrometer.  The 
testing  chamber  was  maintained  at  slight  positive  pressure  during  the  test.  The  lowest  moisture 
content,  measured  as  relative  humidity,  was  recorded  to  be  1 5%. 

The  test  solution,  either  distilled  or  salt  water,  was  circulated  through  the  environmental 
chamber  via.  a  Delta  finger  pump.  Distilled  water  pH  at  the  crack  tip  was  taken  to  be  3.5  <32> 
The  temperature  of  all  aqueous  solutions  was  25°C  +/-  2°C.  Potential  of  specimens  immersed  in 
given  test  solution  was  based  on  a  standard  Calomel  electrode;  see  Table  5  for  potential  readings. 


Table  5 


Specimen  Potential 


mi 

Ave.  Potential  (mV) 

7090 

Ave.  Potential  (mV 

AL-lOHz 

N/A 

AL- 10  Hz 

N/A 

WL-10 

520* 

AT-10 

N/A 

AT-10 

N/A 

WT-10 

200 

WT-10 

384 

WT-1 

450 

WT-1 

700* 

ST- 10 

756 

ST- 10 

907 

ST-1 

750 

ST-1 

905 

Periodically  (every  10-20  mils)  crack  length  measurements  were  taken.  Fatigue  crack 
growth  rates  were  calculated  using  the  secant  method  as  described  in  ASTM-E647-8 1  .<24>  Test 
data  for  different  environments  and  loading  frequencies  were  fitted  to  polynomials  of  the  form: 

log  da/dN  =  A  +  m  log  (AK)  <33> 

where 'm'  and  'A'  are  constants  associated  with  a  particular  environment,  orientation  and 
frequency.  The  least  squares  method  was  employed  to  determine  values  for 'm',  'A'  and  Paris 
equation  constants,  which  appear  in  Table  5.  Fatigue  crack  growth  rate  data  presented  in  this 
paper,  however,  is  plotted  on  a  log/linear  scale,  where  the  individual  contributions  of 
environmental  and  mechanical  (loading  frequency)  effects  are  more  readily  distinguished. 

*  Slight  NaCl  contamination  of  flow  path  equipment  may  have  occurred  resulting  in  elevated 
potential  reading  for  these  distilled  water  solutions. 
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Table  5 


Paris  Law  constants  for  the  equation: 

da/dN 

=  A  (AKm 

Composite 

environment/orientation 

IQ 

log  A 

Cl 

6061 

A/L  10  Hz. 

10.73 

-17.7 

0.963 

A/T  10  Hz. 

7.85 

-14.79 

0.952 

W/T  10  Hz. 

6.45 

-13.39 

0.994 

S/T  10  Hz. 

4.91 

-11.98 

0.989 

S/T  1  Hz. 

5.28 

-12.18 

0.998 

W/T  1  Hz. 

9.83 

-16.35 

0.970 

W/L  10  Hz. 

6.42 

-13.02 

0.974 

7090 

A/L  10  Hz. 

13.11 

18.83 

0.997 

A/T  10  Hz. 

9.54 

15.97 

0.994 

W/T  10  Hz. 

8.11 

14.39 

0.976 

S/T  10  Hz. 

7.92 

14.12 

0.974 

S/T  1  Hz. 

insufficient  data 

W/T  1  Hz. 

7.82 

14.33 

0.980 

*  V  is  the  correlation  coefficient  defined  elsewhere. <33> 


6061  COMPOSITE 


AT  vs.  AL  '' 

Fig.  10  compares  growth  rate  behavior  in  dry  argon  of  cracks  growing  longitudinally  vs. 
transversely  (to  rolling  direction),  each  subjected  to  a  10  Hz  loading  frequency.  Growth  rates  are 
nearly  identical  for  mid  AK  values  (8.3  <  AK  <  1 1.4  MPa  (m)l/2)(  reflecting  the  composite's 
relative  insensitivity  to  orientation  in  this  AK  range. 


Figure  10:  6061  (10  Hz)  AL  vs.  AT 

A  typical  etched  fracture  profile  for  AL  is  shown  in  Fig.  1 1  for  AK  =  10  MPa  (m)l/2  Fracture  is 
not  dominated  by  inter-  or  transgranular  processes.  For  AK  >  1 1.4  MPa  (m)^t  however,  AL 
cracks  grow  progressively  faster  than  AT  cracks.  At  AK  =  12.6  MPa  (m)  1/2,  for  example. 
rate(/\L)/rate(AT)  >  2.  Thus  there  seems  to  be  a  critical  rate  at  which  the  composite's  macroscopic 
features  begin  to  dominate  the  otherwise  insensitive  microscopic  features.  This  phenomenon  is 
probably  due  to  the  continuously  increasing  inertial  energy  of  a  growing  crack  which  achieves  a 
critical  value  -  at  which  point  propogation  behavior  becomes  dominated  by  mechanical  forces. 


Figure  1 1 :  6061  fracture  profile.  Neither  inter-  nor  transgranular  processes  dominate. 

At  most  AK  levels  for  each  composite  SEM  profile  fractographs  indicate  that  SiC  particles 
participate  in  the  fracture  process  primarily  by  decohering  in  one  of  two  modes.  Either  decohesion 
occurs  between  SiC  particles  and  the  matrix  at  the  interface  (cleanly),  or  decohesion  takes  place  not 
at  the  SiC  -  A1  matrix  interface,  per  se,  but  rather  between  aluminum  atoms:  bulk  matrix  A1  atoms 
separate  from  other  A1  atoms  that  remain  adhered  to  SiC  particles.  Both  decohesion  types  can  be 
seen  in  Fig.  1 1  A.  In  any  event  SiC  particles  tend  to  decohere  rather  than  crack  during  fatigue 
fracture. 

An  interesting  feature  of  Fig.  10  is  for  AK  <  8.3  MPa  (m)l/2,  where  FCGR  for  AL  is 
lower  than  that  of  AT.  This  behavior  can  be  explained  by  close  examination  and  analysis  of  the 
respective  fracture  surfaces. 


Figure  1 1A:  6061  fracture  profile.  Note  the  two  types  of  decohered  SiC  particles. 


Fatieue  Fracture  Surface  Analysis;  Pinnacles.  Striations  and  Average  Valiev  Width 
Consider  Fig.  12  (AL)  for  which  AK  =  7.8  MPa  (m)^.  Crack  growth  direction  is  from 
bottom  to  top  of  photo.  Several  features  are  important  to  note:  1)  there  is  much  relief,  and  2)  the 
surface  is  mostly  comprised  of  tall  pinnacles  and  deep  valleys.  Pinnacles  typically  have  fatigue 
striations  on  their  sides,  (see  Fig.  13).  Valleys,  forming  in  regions  where  SiC  clustering  has  not 
occurred,  have  microvoids  at  their  deepest  points.  The  latter  observation  indicates  that  the  fracture 
process  begins  by  microvoid  nucleation  in  regions  of  high  stress  triaxiality,  followed  by  microvoid 
coalescence.  The  ffomer  suggests  that  fatigue  fracture  proceeds  by  creation  of  relatively  tall 
pinnacles  resulting  from  frequency  loading.  Considering  the  second  process  as  'ductile  fatigue', 
pinnacles  could  be  thought  of  as  "macro  cusps”,  analogous  to  traditional  ductile  failure  cusps. 
Further  observation  reveals  that  valleys  are  generally  alligned  parallel  to  the  crack  growth  direction 
(presumably  due  to  extrusion  processing  and  subsequent  SiC  clustering  patterns),  and  that  their 
average  width  is  10-15(1.  The  maximum  number  of  striations  per  pinnacle  observed  was  12.  Note 
also  that  individual  striation  width  in  Fig.  12  is  small. 
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Figure  12:  6061  AL  fracture  surface  consisting  of  pinnacles  and  valleys.  AK  =  7.8  MPa(m)1^ 
(7.1  ksi(in)!/2) 


Figure  13:  Fatigue  striations  (typical.)  Note  SiC  pullout  hole  at  center  and  SiC  chip  adhering  to 
surface  at  lower  left. 
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Since  crack  propogation  involves  energy  absorption  by  the  fracturing  material,  and  since 
absorbed  energy  scales  as  force  (applied  load)  acting  through  a  distance,  it  should  be  possible  to 
characterize  fatigue  fracture  behavior  by  a  parameter  having  units  of  length.  We  propose  that  the 
characteristic  length  be  defined  as  the  total  striation  length,  L,  per  fracture  area.  L,  then,  is 
proportional  to  pinnacle  height,  characterized  by  the  number  of  striations  required  to  form  the 
pinnacle,  and  proportional  to  pinnacle  area  density  (which  is  inversely  proportional  to  valley 
width.)  Moreover,  the  characteristic  length  is  a  function  of  pinnacle  shape;  pinnacles  with  eliptical 
cross  sections  have  total  striation  lengths  greater  than  circular  cross  sectioned  pinnacles,  given  the 
same  area.  Thus  because  the  resulting  AL  fatigue  fracture  surface  contains  a  high  number  of 
pinnacles  per  fracture  area  (valley  width  =  15ji),  and  a  large  number  of  striations  per  pinnacle  ( 1 2), 
the  characteristic  length  is  large.  As  such,  the  composite  must  have  absorbed  a  relatively  large 
amount  of  energy  and  exhibited  low  da/dN  behavior  at  the  given  AK  value. 

Similar  observation  of  the  AT  fracture  surface  at  AK  =  7.8  MPa  (m)1^  (Fig.  14)  revealed 
a  slightly  different  surface  morphology:  increased  valley  width  (20  ft),  but  the  same  number  of 
striations  per  pinnacle  (12)  to  a  first  approximation.  The  characteristic  length  would  be  somewhat 
smaller,  yielding  a  higher  FCGR,  per  observations  in  Fig.  10. 

If  average  valley  width  influences  FCGR  behavior,  why  is  it  that  the  valley  width  of  AT  is 
larger  than  that  of  AL  at  low  AK  ?  First,  one  must  realize  that  valley  width  is  just  a  consequence 
of  pinnacle  shape;  narrow  valleys  tend  to  be  associated  with  oblong  pinnacles  (aspect  ratio  >  2), 
while  wide  valleys  are  related  to  more  circular  (conical)  pinnacles  (aspect  ratio  <  2.)  Pinnacle 
shape,  in  turn,  is  determined  by  the  spatial  pattern  of  microvoid  nucleation  sites,  which  controls 
tensile  ductility  in  Al-SiC.<26,27>  It  is  these  sites,  which  prefer  regions;  1)  of  high  stress 
triaxiality,  2)  depleted  in  SiC  particles,  and  3)  of  highest  stress  intensity  ahead  of  the  advancing 
crack  tip,  which  ultimately  determine  the  fracture  surface  morphology.  Preference  to  high  stress 
triaxiality  results  in  the  familiar  concave  advancing  crack.  But  in  order  for  the  crack  to  propogate, 
voids  must  nucleate  and  coalesce  in  two  spatial  dimensions:  1)  in  the  direction  of  crack  growth, 
and  2)  in  the  direction  normal  to  crack  growth.  Competition  between  the  two  processes  determines 


void  nucleation  patterns,  valley  morphology,  pinnacle  size  and  shape,  and  finally,  fatigue  crack 
growth  rate.  In  the  case  of  AL,  void  nucleation  parallel  to  crack  growth  is  relatively  easy,  since 
voids  nucleate  in  the  'soft'  aluminum  matrix.  However  nucleation  and  coalescence  in  the  normal 
direction  is  more  diffecult  because  the  SiC  particle  linear  density  transverse  to  the  extrusion 
direction  is  greater  vs.  longitudinally.  Thus  microvoids  nucleate,  grow  and  coalesce  with 
preference  to  the  growing  direction.  Conversely  void  nucleation  in  AT  at  low  AK  favors  allign- 
ment  normal  to  the  growth  direction.  The  higher  proportion  of  microvoid  sheets  oriented  perpen¬ 
dicular  or  at  oblique  angles  to  the  growth  direction  in  AT  acts  to  reduce  the  pinnacle  aspect  ratio, 
reducing  the  total  striation  length  per  area.  As  such  FCGR  is  greater  for  AT  vs.  AL  at  low  AK. 

Figs.15  and  16  are  fracture  surfaces  at  mid  AK  (  9.47  MPa  (m)l/2)  for  al  and  AT, 
respectively.  Features  are  almost  identical.  The  similar  surface  morphologies  are  expected  since 
at  this  AK  value,  macroscopic  da/dN  behavior  for  each  specimen  is  nearly  coincident 


Figure  14:  6061  AT  fracture  surface.  AK  =  7.8  MPa(m)'/2  (7.1  ksi(in)'/2)  Note  larger  average 
valley  width  vs.  AL  (Fig.  12.) 
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Figure  15:  6061  AL  fracture  surface.  AK  =  9.47  MPa(m)^  (8.65  ksi(in)  1/2)  For  mid  AK 
fracture  surface  features  are  similar  to  AT.  See  Fig.  16. 


Figure  16:  6061  AT  fracture  surface.  AK  =  9.47  MPa(m)l/2  (8.65  ksi(in)  1/2)  Similar  to  Fig.  15 


At  high  AK,  (12.5  MPa  (m)l/2),  the  AL  fracture  surface  is  dominated  by  small  ductile 

mini-cusps,  elongated  in  the  propogation  direction,  indicating  that  a  prolific  number  of  void 
nucleation  sites  developed  before  fracture.  See  Fig.  17.. 


Figure  17:  6061  AL  fracture  surface.  AK  =  12.5  MPa(m)^  (11.4  ksi(in)  1/2)  Note  presence  of 
many  small  ductile  cusps  primarily  elongated  in  the  crack  growth  direction. 

Only  a  small  amount  of  energy  had  been  absorbed  by  fatigue  sedations,  resulting  in  a  high 
FCGR.  Conversely,  the  AT  fracture  surface  is  one  with  a  ve’y  small  amount  of  cusps  -  but  very 
wide  average  valley  width,  approximately  45-50ji.  See  Fig.  18  (also  at  the  same  AK.)  It  is  the 
ability  of  AT  to  retain  a  striation  fracture  surface  morphology,  albeit  a  very  large  valley  width, 
which  yields  a  larger  characteristic  length  tnan  AL,  and  results  in  a  lower  FCGR  at  high  AK. 


Figure  18:  6061  AT  fracture  surface.  AK  =  12.5  MPa(m)^  (1 1.4  ksi(in)^)  Note  the  wide 
average  valley  width. 

AT  vs.  WT  vs.  ST 

Fig.  19  shows  the  effect  of  environment  on  the  transverse  FCGR.  At  mid-to-high  AK 
values  (AK  >  8.6  MPa  (m)l/2)  FCGR  is  insensitive  to  environment.  (Though,  at  high  AK  values, 
salt  water  may  have  a  mitigating  effect  on  propogation  rate.)  Figs.  14  and  20  show  fracture 
surfaces  at  12.7  MPa  (m)^^  for  AT  and  WT,  respectively.  Each  exhibits  nearly  identical  da/dN 
behavior  since  hydrogen  diffusion  and  evolution  effects  are  both  dominated  by  mechanical  forces 
at  high  AK  levels.  Not  surprisingly,  many  microscopic  fracture  features  are  common  to  both.  For 
example,  average  valley  widths  are  approximately  40-50(1,  and  each  shows  a  small  amount  of 
ductility.  Thus  Mode  I  transverse  loading  at  high  AK  levels  seems  to  be  associated  with  an 
increasing  average  valley  width,  or  more  appropriately,  a  decreasing  pinnacle  area  density.  The 
number  of  striations  per  pinnacle  appears  to  be  relatively  insensitive  to  AK  variations. 
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Figure  20:  6061  WT  fracture  surface.  AK  =  12.7  MPa(m)^^  (1 1.64  ksi(in)^/^)  Similarto 
Fig.  14.  Both  fractures  at  high  AK  are  dominate  by  mechanical  (inertial)  forces. 


At  low  AK  (<  8.7  MPa  (m)1/2  and  PCGR  =  3.3(-8)  m/cycle)  the  data  clearly  illustrates, 
however,  that  hydrogen  plays  a  critical  role  in  determining  da/dN  behavior.  Crack  tip  hydrogen 
cathodic  evolution  effects  (salt  water)  increase  with  decreasing  growth  rate.  Maximum  sensitivity 
occurs  at  AK  =  6.35  MPa  (m)^  where  FCGR  (salt  water)  /  FCGR  (distilled  water)  =  1 .8.  At  a 
higher  AK  (7.1  MPa  (m)1/2),  crack  tip  hydrogen  diffusional  effects  (distilled  water)  causes  an 
increase  (1.9x)  in  FCGR  relative  to  that  of  argon.  See  Figs.  21  and  22  for  fracture  surface 
morphologies  at  AK  =  6.  MPa  (m)1/2  for  WT  and  ST,  respectively.  Clearly  WT  has  absorbed 
much  more  fracture  energy,  indicated  by  the  presence  of  tall  pinnacles  and  thinly  spaced  striations 
Average  valley  width  is  40(1.  ST,  though,  shows  no  clear  pinnacle  formation  or  striation 
markings  -  only  abundant  corrosion  products  on  the  fracture  surface.  FCGR  for  WT  and  ST 
converge  at  2.8(-8)  m/cycle,  suggesting  that  the  kinetics  of  cathodic  hydrogen  charging  become 
dominated  by  hydrogen  diffusion  and/or  transport  ahead  of  the  crack  tip  at  this  convergence  rate. 


Figure21:  6061  WT  fracture  surface.  AK  =  6. 1 1  MPa(m)^2  (5.58  ksi(in)^)  More  energy  is 
absorbed  than  with  6061  ST  at  low  AK.  See  Fig.  22. 


Figure  22:  6061  ST  fracture  surface.  AK  =  5.89  MPa(m)l/2  (5.38  ksi(in)^)  Note  large  amount 
of  corrosion  products  on  surface.  Less  fracture  energy  absorbed  than  WT,  Fig.  21 . 

The  collapsed  aqueous  da/dN  behavior  converges  with  AT  at  3.3(-8)  m/cycle,  which 
further  suggests  that  the  previous  microscopic  rate-controlling  mechanism  (hydrogen  diffusion  and 
transport)  is  now  dominated  by  macroscopic,  mechanical  (or  inertial)  effects.  At  still  slightly 
higher  AK  values  (after  the  second  convergence  point)  for  9.2  <  AK  <  9.8MPa  (m)^  a 
momentary  FCGR  arrest  for  all  three  environments  occurs,  indicating  possible  microstructural 
fracture  path  changes.  Fig.  23,  an  SEM  photo  of  this  region  (in  WT),  indicates  that  valley  width 
has  grown  to  55-60p..  In  the  plateau  region,  valley  width  might  be  reaching  a  critical  value 
allowing  inertial  forces  to  dominate  at  higher  FCGR  (and  AK.) 


Figure  23:  6061  WT  fracture  surface.  AK  =  9.43  MPa(m)l/2  (8.61  ksi(in)  1/2)  Note  two  large 
coalesced  voids  at  center  right. 

HYDROGEN  INGRESS 

Fig.  19  does  not  include  WT  da/dN  data  for  AK  <  6.25  MPa  (m)  1/2.  Instead  the  data  is 
presented  in  Fig.  24  as  a  dashed  line.  First,  however,  note  in  Fig.  19  that  both  AT  and  ST  exhibit 
usual  crack  propogation  behavior  at  low  AK  levels;  then  notice  in  Fig.  24  that  WT  (10Hz)  does  not 
for  AK  <  6.2  MPa  (m)  1/2.  An  explanation  may  be  related  to  the  fact  that  for  the  AT  and  ST 
specimens,  FCGR  testing  commenced  immediately  after  fatigue  precracking  was  completed, 
whereas  the  WT  specimen  was  stored  in  lab  air  for  7  days  prior  to  testing.  Hydrogen,  a 
constituent  of  ordinary  lab  air  may  be  diffusing  ahead  of  the  precrack  tip  and  becoming  entrapped 
in  the  matrix,  presumably  at  the  SiC  -  A1  interface.  Such  embrittlement  behavior  is  not 
uncommon.  Speidel  and  co-workers  have  shown  that  subcritical  cracks  can  grow  in  aluminum 
alloys  exposed  to  water  vapor.<I9,28>  Crack  growth  behavior  in  WT  supports  our  theory  in  that 
FCGR  at  first  is  high  for  5.9  <  AK  <  6.35  MPa  (m)l/2,  but  then  decelerates  presumably  because 
the  crack  grows  through  regions  in  the  matrix  containing  progressively  less  entrapped  hydrogen. 
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Finally,  at  AK=  6.35  MPa  (m)l/2  regular  growth  behavior  resumes.  The  hydrogen 
ingress  penetration  depth  is  estimated  to  be  37  mils  (ahead  of  the  crack  tip)  after  7  days  of  lab  air 
storage. 


Figure  24:  6061  WT  1  Hz  vs.  10  Hz 

WT-lOvs.  WT-1 

The  effect  of  cyclic  loading  frequency  (10  hertz  or  1  hertz)  on  da/dN  vs.  AK  is  also  shown 
in  Fig.  24.  For  AK  <  6.5  MPa  (m)  1/2,  though,  the  effect  of  lab  air  storage  time  is  superimposed 
over  the  frequency  effect  Our  results  indicate  that  for  FCGR  >  2(-8)  m/cycle,  the  critical  rate, 
cyclic  frequency  has  no  marked  effect  on  da/dN  behavior.  For  6.5  <  AK  <  7.3  MPa  (m)l/2,  there 
appears  to  be  no  hydrogen  ingress  effect,  since  FCGR  increases  monotonically  with  AK.  In  this 
region  of  slow  crack  advance,  cyclic  frequency  has  a  dual  nature.  A  high  frequency  produces 
large  strain  rates,  increasing  FCGR  in  a  brittle  material;  but  the  specimen's  total  immersion  time  in 
a  corrosive  environment  is  minimized  under  high  cyclic  loading,  which  acts  to  lower  FCGR. 
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In  this  AK  region  because  FCGR  for  10  Hz.  is  substantially  greater  (up  to  4x)  than  FCGR  for  1 


Hz.  (even  though  the  latter's  ummersion  time  is  lOx  that  of  the  fonmer),  the  rate  controlling 
mechanism  is  strain  rate. 

For  the  1  Hz.  CT  specimen,  which  was  stored  in  lab  air  for  20  days  prior  to  testing,  a  more 
pronounced  hydrogen  ingress  behavior  was  seen  vs.  the  7  day  stored  sample.  Since  hydrogen 
ingress  is  diffusional  in  nature,  one  might  expect  that  the  effect  of  hydrogen  ingress  (elevated,  but 
decreasing  FCGR  with  increasing  AK)  would  increase  with  lab  storage  time.  This  hypothesis 
might  be  true;  but  since  our  specimens  were  not  stored  for  equal  time  periods,  we  cannot 
corroborate  such  a  claim  at  this  time.  Instead  our  data  suggests  that  for  low  AK  in  distilled  water, 
a  higher  strain  rate  (10  Hz)  outwieghs  a  longer  lab  air  storage  time  (20  days)  and  results  in  higher 
FCGR.  The  smoother  nature  of  the  20  day  stored  sample  da/dN  curve  might  be  due  to  hydrogen 
entrapment  being  more  homogeneous  than  after  only  7  storage  days. 

STdflvs,  ST-1 

When  the  6061  composite  is  subjected  to  salt  water  and  the  frequency  reduced  to  1  Hz., 
FCGR  was  found  to  be  approximately  1.5x  greater  than  at  10  Hz.  at  mid-to-high  AK.  See  Fig. 

25.  Thus  when  crack  tip  hydrogen  evolution  occurs  (as  with  immersion  in  NaCl  solution)  the  rate 
controlling  mechanism  is  probably  electrochemical  in  nature.  As  mentioned  previously,  cyclic 
frequency  dictates  total  time  of  immersion  as  well  as  strain  rate.  But  unlike  the  case  involving 
distilled  water,  the  total  immersion  time  in  NaCl  solution  appears  to  dominate  strain  rate  effects.  In 
addition,  there  appears  to  be  no  convergence  point  at  high  FCGR  as  seen  in  other  systems  when 
inertial  forces  dominate  microscopic  effects.  Note  the  hydrogen  ingress  behavior  of  ST-1  resulting 
from  a  2  day  presoak.  Fig.  26  is  of  a  fractured  surface  suspected  of  hydrogen  ingress.  The  most 
dramatic  feature  is  the  unusually  high  number  of  SiC  particles  found  on  the  fracture  surface 
(compare  to  Fig.  27,  of  an  area  not  suspected  of  hydrogen  ingress.) 
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Figure  25:  6061  ST  10  Hz  vs.  1  Hz 


Figure  26:  6061  ST  1  Hz  fracture  surface.  AK=6.78  MPa  (m)1/2  Hydrogen  ingress  is  suspected. 
Note  unusual  number  of  SiC  particles  found  on  the  fracture  surface. 
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If  indeed,  hydrogen  is  diffusing  ahead  of  the  crack  tip  during  lab  storage  and  becoming 
entrapped  at  SiC  -  Al  interfaces,  the  net  result  would  be  slight  composite  embrittlement.  And,  the 
fracture  surface  would  appear  heavily  decorated  with £iC  particles  as  in  Fig.  26.  This  behavior 
may  be  due  to  the  chloride  ion's  ability  to  promote  hydrogen  ingress  near  room  temperature.<31> 


Figure  27  :  6061  ST  1  Hz  fracture  surface.  AK=6.78  MPa(m)^  Hydrogen  ingress  not  suspected. 

AL  vs.  WL 

Distilled  water  had  a  more  pronounced  effect  on  FCGR  relative  to  an  inert  environment  in 
the  TL  orientation  at  10  Hz.  than  did  LT  as  seen  in  Fig.  28  (compare  with  Fig.  19.)  The  most 
interesting  observation  is  at  low  AK  levels  where  TL  cracks  in  water  grew  nearly  5x  faster  than  in 
argon.  As  AK  increases,  A(FCGR)  decreases,  until  at  da/dN  =  2(-6)  m/cycle,  growth  rate 
becomes  independent  of  environment.  This  environmental  convergence  point  occurs  at  a  much 
higher  FCGR  than  in  the  transverse  system  (3.3(-8)  m/cycle.)  Fig.  29  shows  WL  at  high  AK 
(12.9  MPa  (m)l/2)  where  ductile  cusps  at  the  bottom  of  valleys  are  seen  as  in  AL  (Fig.  17.) 
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Figure  28  :  6061  (10  Hz)  AL  vs.  WL 


Figure  29:  6061  WL  fracture  surface.  AK  =  12.9  MPa  (m)  1/2  Note  presence  of  ductile  cusps. 
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7090  COMPOSITE 


AT  vs.  AL(lOHz’) 

As  can  be  seen  from  Fig.  30,  for  AK  >  6.8  (da/dN  >  1  (-8)  m/cycle),  FCGR  is 
sensitive  to  crack  orientation  (as  in  the  6061  system.)  Fracture  surfaces  for  AK  <  6.85  MPa 
(m)l/2  were  similar.  In  Fig.  31  (AL,  AK=6.55  MPa  (m)!/^  typical)  note  two  important 
differences  from  6061  (ie.  Fig.  12):  1)  SiC  pullout  is  much  more  common,  indicating  weaker 
interfacial  bonding  or  poor  wetability,  and  2)  there  is  a  lower  number  of  striations  per  pinnacle, 
indicating  a  more  brittle  material.  At  higher  da/dN  values,  mechanical  inertial  forces  dominate 
short  range  microstructural  features.  Void  nucleation  is  extensive;  see  Fig.  32  (note  scale.)  Figs. 
33  (AL,  10.1  MPa  (m)^^)  and  34  (AT,  9.8  MPa  (m)^)  clearly  show  that  the  average  valley 
width  for  AL  is  greater  than  100  (I,  while  only  50  p  for  AT.  Thus  the  characteristic  length  for  AT 
is  larger  than  AL,  resulting  in  a  lower  FCGR.  In  fact,  rate(AL)  /  rate(AT)  >  4  at  this  high  AK. 
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Figure  30:  7090  (10  Hz)  AL  vs.  AT 


Figure  31:  7090  AL  fracture  surface.  AK=6.55  MPa  (m)1/2  Note  higher  amount  of  SiC  pullout, 
and  smaller  average  pinnacle  height  vs.  the  6061  composite. 


Figure  32:  7090  AL  fracture  surface.  AK  =  10. 1  MPa  (m)1/2  (low  mag.)  Prolific  void  nucleation. 


Figure  33:  7090  AL  fracture  surface.  AK  =  10.1  MPa  (m)1/2  (high  magnification)  Average 
valley  width  >  100}i. 


Figure  34:  7090  AT  fracture  surface.  AK  =  9.8  MPa  (m)^  Average  valley  width  =  50|i. 
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AT  vs.  WTvs.  STjlOHz) 


As  Fig.  35  illustrates,  FCGR  behavior  is  independent  of  environment  at  high  AK;  SiC 
particles  do  not  influence  the  fatigue  fracture  behavior  significantly  in  this  AK  region,  as  also 
reported  elsewhere. <29>  At  low  AK  levels,  though,  FCGR  behavior  is  very  environment- 
sensitive  with  rate(water)  /  tate(arg0n)  >  2,  and  rate(salt)  /  tate(arg0n)  >  4.  Like  the  6061 
composite,  da/dN  vs  AK  for  all  three  environments  eventually  converge,  although  water/argon 
curves  con\  -,:ge  at  a  lower  FCGR  and  AK  (1.4(-8)  m/cycle,  8.0  MPa  (m)^.)  Such  behavior 
indicates  that  hydrogen  effects  at  the  crack  tip  are  potential  dependent  Salt  water/argon  converg¬ 
ence  occurs  at  1.2(-7)  m/cycle  (AK=8.6  MPa  (m)l/2)_  Since  more  hydrogen  is  present  at  the 
crack  tip  (greater  electrochemical  potential),  transportation  of  more  hydrogen  into  the  plastic  zone 
via.  mobile  dislocations  perhaps  is  occurring,  as  found  in  other  aluminum  composites.<30,31> 
This  hypothesis  would  account  for  the  direct  proportionality  between  FCGR  and  potential. 
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Figure  35:  7090  (10  Hz)  AT  vs.  WT  vs.  ST 


Pinnacle  Plateaus 


A  typical  feature  found  on  7090  composite  fatigue  fracture  surfaces  subjected  to  all  three 
environments  for  mid-to-high  AK  is  shown  in  Fig.  36:_  the  ’pinnacle  plateau'.  Here  pinnacles 

seem  to  have  been  suddenly  truncated  in  the  fracture  process. 


Figure  36:  7090  WT  fracture  surface.  AK  =  8.47  MPa  (m)^  (low  magnification)  Note 
truncated  pinnacles.  This  phenomenon  may  be  due  to  the  composite's  low  strain 
hardening  capability. 


These  plateaus  are  only  found  at  FCGR  >  8(-8)  m/cycle  (AK  >  8.5  MPa  (m)^),  possibly 
indicating  that  a  critical  strain  rate  is  needed  to  produce  pinnacle  truncation.  It  is  suspected  that 
since  the  7090  co.  posite  exhibits  very  little  ductility  and  strain  hardening,  these  plateau  tops  are 
brittle  fracture  surfaces.  See  Fig.  37. 


WT-lOvs.  WT-1 

It  appears  that  lowering  the  load  frequency  reduces  FCGR  in  7090.  This  behavior  is 
shown  in  Fig.  38.  Higher  frequency  loading  produces  larger  strain  rates,  which  raises  FCGR  in  a 
britde  composite.  At  low  AK,  rate(WT-10)/rate(WT-l)  >  1.5,  but  steadily  decreases  (as  AK 
increases)  to  unity  at  1.8(-8)  m/cycle  and  AK  =  6.9  MPa  (m)l/2.  Frequency  effects  become 
unimportant  at  high  FCGR  because  strain  rate,  or  impulse  levels  are  relatively  unaffected  by 
frequency  variations.  However,  momentum,  the  First  derivative  of  kinetic  energy  with  respect  to 
velocity,  is  directly  proportional  to  da/dN,  and  continues  to  rise.  It  is  at  da/dN  =  1.8(-8)  m/cycle 
that  momentum  begins  to  dominate  impulse  effects,  and  the  curves  converge. 

ST- 10  vs.  ST-1 

FCGR  behavior  in  salt  water  for  these  two  frequencies  was  similar,  as  with  WT-10  vs. 
WT-1,  except  slightly  more  dramatic:  rate(ST-10)/rate(ST-l)  =  1-7  at  low  AK  values.  See  Fig. 

39.  This  data  indicates  that  even  when  the  7090  composite  is  subjected  to  an  aggressive 
environment  for  prolonged  times  (ie.  1  Hz  specimen.),  impulse  or  strain  rate  effects  dominate  the 
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relatively  short  order  microstructural  effects  of  hydrogen  evolution  (cathodic),  and  hydrogen 
diffusion/dislocation  transport.  FCGR  at  10  Hz  is  therefore  greater  than  FCGR  at  1  Hz. 


Figure  38:  7090  WT  10  Hz  vs.  1  Hz 
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Figure  39:  7090  ST  10  Hz  vs.  1  Hz 


SUMMARY  &  CONCLUSIONS 


6061  Composite  * 

AL  vs.  AT  (orientation  influence) 

Low  AK:  FCGR(AT)  >  FCGR(AL)-  This  behavior  is  a  direct  result  of  the  heterogeneous 
void  nucleation  pattern  of  AL  which  favors  allignment  with  crack  growth  direction.  This 
nucleation  preference  creates  oblong  pinnacles  (aspect  ratio  >  2)  and  a  longer  total  striation  length 
than  AT.  Since  void  nucleation  patterns  are  ultimately  rate  controlling,  and  patterns  in  AT  are 
relatively  homogeneous,  producing  circular  (conical)  pinnacles,  total  striation  length  is  shorter  in 
AT  than  in  AL.  Thus  more  energy  is  absorbed  in  the  AL  fatigue  fracture  process  than  with  AT. 

Mid  AK:  FCGR  is  insensitive  to  orientation:  fracture  is  not  dominated  by  inter-  or 
transgranular  failure. 

High  AK:  FCGR(AL)  >  FCGR(AT)-  AL  fracture  surface  contains  many  ductile  mini¬ 
cusps  and  few  striations  (short  total  striation  length).  AT  surface  has  small  amount  of  ductile 
cusps  and  a  large  amount  of  striations.  Since  AT  has  a  longer  total  striation  length,  which  is  rate 
controlling,  AT  absorbs  more  energy  during  fracture,  and  hence  has  a  lower  FCGR  than  AL. 

AT  vs.  WT.  vs.  ST  (environmental  influence) 

Low  AK:  Crack  tip  hydrogen  cathodic  effects  (from  salt  water)  is  rate  controlling,  but  this 
effect  decreases  as  FCGR  (and  AK)  increases. 

Mid  AK:  Hydrogen  crack  tip  concentation  (and  diffusion  and/or  transport  ahead  of  the 
crack  tip)  is  rate  controlling,  but  this  effect  also  decreases  as  FCGR  (and  AK)  increases. 

High  AK:  FCGR  is  insensitive  to  environment  above  a  critical  rate.  Mechanical,  inertial 
macroscopic  effects,  such  as  the  number  of  barriers  (SiC  particles)  encountered  per  crack  length, 
per  fatigue  cycle,  is  rate  controlling. 
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WT  10  Hz  vs.  1  Hz  (frequency  influence) 

Low  and  mid  AK:  Competing  effects  -  immersion  time  vs  strain  rate.  At  a  high  frequency 
(10  Hz)  immersion  time  is  short,  but  strain  rate  is  high.^At  a  low  frequency  (1  Hz)  immersion  time 
is  long,  but  strain  rate  is  low.  It  was  found  that  strain  rate  is  rate  controlling,  but  as  FCGR 
increases,  the  strain  rate  effect  decreases. 

High  AK:  insensitive  to  frequency. 

ST  10  vs.  1  Hz  (frequency  influence) 

Low,  mid  and  high  AK:  Competing  effects  -  immersion  time  vs.  strain  rate.  Immersion 
time  is  rate  controlling  (opposite  to  WT  10  vs.  1  Hz,  above.) 

AL  vs.  WL  (environmental  influence) 

Low  and  mid  AK:  pH  or  hydrogen  concentration  (diffusion  and/or  transport  ahead  of  the 
crack  tip)  is  rate  controlling.  This  observation  implies  that  Dh  (extrusion  direction)  >  Dh  (normal 
to  extrusion  direction),  and  is  attributed  to  SiC  clustering,  or  the  ability  of  SiC  to  trap  hydrogen. 
HighAK:  Inertial  forces  dominate. 

Hydrogen  ingress  (environmental  effect) 

The  6061  composite  is  susceptable  to  hydrogen  ingress  when  stored  in  an  atmosphere 
containing  water  vapor.  It  is  suspected  that  SiC  particles  are  acting  as  hydrogen  trap  sites. 
Homogenization  of  hydrogen  concentration  profile  in  the  composite  depends  on  storage  period. 

A  schematic  representation  of  the  forces  which  influence  FCGR  behavior  in  the  6061 
composite  system  is  shown  in  Fig.  40. 
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Figure  40:  Schematic  representation  of  fatigue  crack  growth  rate  influences  in  6061  composite. 
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General  comments:  SiC  pullout  during  fatigue  fracture  is  more  common  than  in  the  6061 
composite,  and  the  average  pinnacle  height  is  shorter  than  with  the  6061  system. 


AL  vs.  AT  (orientatin  influence) 

LowAK:  insensitive  to  orientation. 

Mid  and  high  AK:  FCGR(AL)  >  FCGR(AT)-  Fracture  dominated  by  inertial  effects. 

AT  vs.  WT  vs.  ST  (environmental  influence) 

LowAK:  Very  environment  (hydrogen)  dependent.  In  salt  solution,  cathodic  reaction  is 

rate  limiting;  in  distilled  water,  hydrogen  concentration  (diffusion  and/or  transport)  controls 
fatigue  crack  growth  rate. 

Mid  to  high  AK:  Inertial  forces  dominate.  Pinnacles  suffer  abrupt  truncation,  probably 
due  to  the  composite's  low  strain  hardening  capability. 


WT  1  vs.  10  Hz  &  ST  1  vs.  ST  10  Hz  (frequency  influence) 


Low  and  mid  AK:  Immersion  time  vs.  strain  rate  (discussed  above.)  Strain  rate  dominates. 
High  AK:  Inertial  forces  dominate.  Inertial  effects  are  proportional  to  crack  velocity  which 
continuously  increases  with  crack  length.  Strain  rate,  however,  is  relatively  insensitive  to  growth 
rate.  Thus  at  high  AK  inertial  forces  control  FCGR. 

A  schematic  representation  of  influential  forces  in  the  7090  system  appears  in  Fig.  41. 
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Figure  41:  Schematic  representation  of  fatigue  crack  growth  rate  influences  in  7090  composite. 
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This  section  summarizes  the  work  conducted  under  subcontract  at  Illinois  Institute  of 
Technology  to  investigate  the  mechanical  behavior  and  low-toughness  fracture  of  Al-SiC  metal 
matrix  composites.  The  experimental  and  numerical  results  are  described,  concentrating  on  work 
completed  since  the  prior  annual  report. 

Mechanical  Properties  of  A1  7191-SiC  Composites 

Addition  of  20%  SiCp  to  the  A1  alloy  matrix  resulted  in  a  50%  increase  in  the  elastic  modulus, 
an  increase  about  the  same  as  for  other  Al-base  composites  using  SiC  with  different  alloy  matrices, 
as  reported  in  the  literature.  However,  the  increase  in  the  yield  and  ultimate  strengths  was  much 
less  than  the  increase  in  the  modulus.  For  the  peak-aged  material,  for  example,  the  increase  was 
only  about  10%.  This  is  consistent  with  the  trend  followed  by  other  composites  with  different 
alloy  matrices,  where  the  relative  improvement  in  the  strength  decreases  as  the  absolute  strength  of 
the  matrix  increases. 

Increasing  the  volume  fraction  of  SiCp  from  20%  to  30%  did  not  significantly  increase  the 
strength  of  the  material.  Only  a  2  to  3%  increase  was  obtained,  indicating  that  strengthening  in 
these  composites  does  not  follow  a  linear  relationship  between  the  volume  fraction  reinforcement 
and  the  composite  strength  (the  same  is  true  for  other  metal  matrix  composites).  The  results 
obtained  from  tensile  testing  are  consistent  with  those  from  hardness  testing,  which  gave  almost 
the  same  increase  in  material  hardness  due  to  incorporation  of  SiC  particles  in  the  A1  alloy  matrix. 

The  tensile  ductility  values  were  low,  even  compared  to  other  composite  materials.  Values  of 
the  strain  to  failure  were  decreased  from  about  12%  to  about  2%  for  the  peak-aged  temper.  This 
decrease  is  consistent  with  the  decrease  in  fracture  tough;ness  values;  the  plane  strain  fracture 
toughness,  Kic,  decreased  from  42  to  15  ksi-in. I/2.  The  degradations  in  tensile  ductility  and 
toughness  are  equivalent  if  compared  on  the  basis  of  the  strain  energy  release  rate,  Gfc.  Moreover, 
fracture  of  these  composites  was  found  to  follow  the  stress-modified  critical  strain  criterion, 
developed  for  fracture  by  microvoid  coalescence  in  classical  ductile  fracture.  This  fracture  was  in 
fact  observed  in  studies  of  the  fracture  surface  (see  following  section)  and  was  the  dominant 
mechanism  of  failure  in  these  materials. 

Scanning  Electron  Microscopy  Studies 

Fractographic  examination  of  fracture  surfaces  was  conducted  in  detail,  and  results  of  that 
examination  were  included  in  the  previous  annual  report.  A  summary  of  those  results  is  presented 
here.  Numerous  microcracks  were  observed  in  the  stress  field  of  a  sharp  crack.  All  these 
microcracks  were  associated  with  SiC  particles,  and  a  majority  lay  along  interfaces  between  the 
SiC  particles  and  the  matrix.  Others  were  associated  with  cracking  of  SiC  particles. 


Microcracking  ahead  of  the  crack  tip  extended  to  a  distance  of  about  250  nm  on  both  sides  of 
the  crack  flank.  The  fracture  surfaces  of  the  crack  arrest  'pecimens  showed  a  higher  intensity  of 
microcracks  at  the  crack  initiation  and  arrest  areas.  Moreover,  cracking  normal  to  the  crack  plane 
was  observed,  mainly  by  intergranular  failure. 

Compared  to  the  sharp-crack  specimens  just  discussed,  different  fracture  modes  were  observed 
on  the  fracture  surfaces  of  the  tensile  bars.  While  SiC  particles  continued  to  fracture  by  apparent 
cleavage,  the  matrix  material  failed  in  a  ductile  manner  by  void  initiation,  growth,  and  coalescence. 
An  intergranular  fracture  mode  was  also  observed  and  may  be  attributed  to  the  presence  of  MgO  on 
the  grain  boundaries.  This  compound  (MgO)  was  associated  with  the  formation  of  cracks  on  the 
fracture  surfaces  by  delamination. 

The  energy  dispersive  X-ray  (EDX)  method  was  utilized  to  study  the  surface  chemistry  of  the 
failure  initiation  sites  on  the  fracture  surfaces  of  tensile  bars.  A  statistical  study  was  conducted 
using  25  specimens  in  different  tempers.  It  was  found  that  MgO  is  the  dominant  failure  initiation 
site  in  these  composites  (more  than  30%  of  the  failed  specimens).  This  type  of  intermetallic  is 
believed  to  form  in  large  amounts  due  to  the  processing  technique  utilized  by  the  manufacturer. 
Consolidation  at  a  supersolidus  temperature  results  in  reaction  between  Mg  (present  in  the  base 
alloy)  and  oxygen  (present  in  oxides  on  the  powder  surfaces).  Some  of  these  MgO  intermetallics 
were  found  to  be  quite  large  (more  than  80  pm  diameter). 

A  second  important  fracture  initiation  site  was  located  at  agglomerates  of  SiC  particles.  Other 
fracture  initiation  sites  occasionally  identified  included  large  SiC  particles,  Fe-rich  inclusions, 
(P,S)-rich  inclusions,  and  (Zn.Cu)-rich  inclusions.  In  all  cases,  these  sites  gave  rise  to 
predominantly  microvoid  coalescence  fractures.  Thus  it  would  be  expected  that  areas  rich  in  such 
particles  would  be  preferentially  involved  in  ductile  fracture. 

As  an  example,  the  average  area  fraction  of  SiC  particles  on  the  fracture  surfaces  was  examined 
for  different  tempers  and  different  state  of  stresses,  e.g.  comparing  fractures  at  the  center  and  near 
the  side  surfaces  of  the  crack  arrest  specimens.  This  examination  showed  an  averaged  SiC  area 
which  was  more  than  30%  higher  than  the  expected  average  on  a  polished  surface,  20%.  Altering 
the  matrix  temper  did  not  significantly  alter  the  average  area  of  SiC  particles  on  the  fracture 
surfaces.  However,  using  X-rays  is  not  the  most  suitable  measurement  technique  for  this  average 
area  in  case  of  failure  in  areas  very  close  to  the  interface.  This  is  attributed  to  the  penetration  depth 
of  X-rays.  A  more  suitable  method  in  this  case  might  be  Auger  spectroscopy  which  has  a  limited 
penetration  depth  of  a  few  atomic  layers,  though  it  in  turn  may  be  affected  by  surface  films. 

Finite  Element  Studies 

Finite  element  (FE)  studies  were  conducted  to  study  the  main  reasons  leading  to  the  low¬ 
toughness  fracture  of  these  metal  matrix  composites.  The  stress  and  strain  fields  resulting  from  the 
differential  thermal  expansion  between  the  A1  matrix  and  SiC  particles  during  processing  were 
calculated.  This  approach  utilized  the  aluminum  alloy  7075  as  the  matrix  alloy  due  to  a  lack  of  data 
for  A!  7191,  requiring  an  estimate  for  the  coefficient  of  thermal  expansion  and  flow  stress  as 
altered  by  the  working  temperature.  A  second  model  was  used  to  study  the  deformation  and  stress 
fields  evolved  during  composite  loading  with  and  without  the  presence  of  a  sharp  crack. 

A.  Thermal  Stress  and  Strain  Fields  due  to  Processing 

Finite  element  calculations  showed  that  a  temperature  change  during  processing  results  in 
generation  of  tessellated  thermal  stresses  which  can  exceed  the  matrix  yield  strength. 
Consequently,  the  matrix  will  plastically  flow  and  strain  harden.  Values  of  the  equivalent  plastic 


strain  were  found  to  be  a  function  of  particle  size,  aspect  ratio,  interparticle  spacing,  and  the 
quench  temperature.  For  example,  for  an  aspect  ratio  of  4,  the  plastic  strain  could  be  as  much  as 
4%  at  the  interface. 

Due  to  quenching,  a  hydrostatic  compression  Field  is  developed  in  the  SiC  particles  while  the 
stresses  in  the  matrix  are  mainly  tensile  (two  components  are  tensile  while  the  third  one  is 
compressive).  The  hydrostatic  tension  in  the  matrix  will  likely  degrade  the  material  toughness  by 
promoting  void  initiation  and  crack  propagation,  particularly  as  the  value  of  the  effective  stress  (in 
the  matrix)  at  the  interface  exceeds  the  matrix  yield  strength.  This  value  decreased  as  the  distance 
from  the  interface  increased,  consistent  with  that  reported  in  the  literature.  The  stress  Field  was 
obtained  for  temperature  changes  of  500, 450,  and  400  °C;  as  expected,  the  stress  field  was  lower 
when  the  temperature  change  was  less. 

From  the  above  calculations,  the  following  conclusions  can  be  drawn.  The  low-toughness 
fracture  of  these  composites  is  enhanced  by  the  tensile  stress  field  developed  in  the  matrix  alloy  at 
the  interface  area.  Void  nucleation  and  growth  will  be  promoted  by  such  a  stress  field  (hydrostatic 
tension).  Moreover,  a  part  of  the  strain  hardening  capacity  of  the  matrix  alloy  at  the  interface  (more 
than  4%)  is  consumed,  leading  to  lower  values  of  strain-to-fracture.  This  implies  that  the  matrix 
adjacent  to  the  interface  was  degraded  after  processing  and  a  premature  failure  in  these  zones  can 
be  expected  due  to:  (i)  the  low  toughness  of  these  zones  due  to  the  consumed  pan  of  the  material 
strain  hardening  capacity,  (ii)  stress  concentration  due  to  the  presence  of  stiff  particles  having  sharp 
corners,  and  (iii)  the  hydrostatic  tensile  field  evolved  which  promotes  void  nucleation  and  growth. 

An  attempted  confirming  qualitative  study  of  the  thermal  stresses  generated  due  to  processing 
was  conducted  using  X-ray  diffraction.  The  line  positions  for  A1  planes  (111),  (200),  and  (220) 
were  measured  for  the  monolithic  alloy,  and  for  the  composite  material  having  the  same  heat 
treatment  process.  Due  to  the  difficulty  in  getting  a  smooth  polished  surface  for  the  composite 
material  from  electropolishing,  the  study  results  permitted  only  a  qualitative  comparison.  This 
difficulty  came  from  the  difference  in  reaction  rates  between  perchloric  solution  and  the  two 
constituents  of  the  composite  material,  A1  and  SiC. 

Shifts  in  the  line  ,  tition  for  the  different  diffracting  planes  were  indeed  observed.  Moreover, 
peak  broadening  w  s  :arly  observed  for  the  composite  material,  which  indicates  that  the  matrix 
alloy  had  deformed  plastically  during  the  quenching  step.  This  is  consistent  with  the  numerical 
results  obtained  from  FE  calculations.  Moreover,  the  peak  intensity  of  the  (111)  plane  fo.  the 
composite  material  appeared  to  be  three  times  higher  than  that  for  the  monolithic  alloy,  an  unlikely 
result  from  random  variation,  considering  that  the  diffracting  planes  for  the  composite  material 
arise  from  about  80%  as  much  material  as  that  for  the  base  alloy.  Studying  the  texture  of  both 
materials  revealed  that  the  base  alloy  nas  a  stronger  (111)  texture.  These  planes  were  strongly 
oriented  30  degree  to  the  plane  of  the  sheet  and  ,  consequently,  did  not  participate  in  the  ensuing 
high  intensity  during  the  20  scan. 

B.  Stress  Fields  due  to  External  Loading 

A  double  edge  notch  specimen  was  modelled  and  the  stress  field  evolved  upon  loading  was 
studied.  However,  the  specimen  was  too  long  to  simulate  a  tensile  bar  at  the  upper  portion  far 
from  the  crack  tip.  The  effect  of  matrix  strain  hardening  after  processing  was  included  in  this 
problem  where  three  different  solutions  were  obtained.  The  first  solution  was  for  the  unreinforced 
monolithic  A1  7191  (yield  strength  -  78  ksi).  In  the  second  case,  the  solution  was  for  a  composite 
material  having  15%  SiC  and  a  matrix  similar  to  the  first  case  (not  hardened).  In  the  third,  the 
matrix  was  considered  to  be  strain  hardened  after  processing  due  to  the  differential  thermal 
expansion  between  A1  and  SiC.  The  three  problems  were  solved  for  both  plane  stress  and  plane 
strain  conditions. 


The  stress  field  evolved  in  the  matrix  due  to  tensile  loading  (upper  portion  of  the  modelled 
specimen)  showed  the  following  results: 

(i)  As  the  remote  stress  reaches  57  ksi,  the  effective  stress  at  the  interface  reaches  the  matrix 
yield  strength  (78  ksi).  This  means  that  local  yielding  will  occur  at  these  regions. 

(ii)  As  the  remote  stress  reaches  72  ksi,  the  effective  stress  in  the  matrix  at  the  interface 
exceeds  the  fracture  stress  value.  At  the  same,  time,  the  maximum  normal  stress  in  an 
average  SiC  particle  is  still  much  below  the  ultimate  tensile  strength  of  SiC  (it  is 
recognized  that  SiC  panicles  containing  large  flaws  may  fracture  even  at  72  ksi). 
Consequently,  fracture  should  primarily  occur  at  the  interface  in  the  matrix  alloy.  An 
excellent  correlation  between  the  finite  element  calculations  and  experimental  observations 
was  obtained.  Isostress  contours  were  calculated  for  the  composite  material  ahead  of  the 
crack  tip.  It  was  found  that  the  contour  representing  an  effective  stress  of  72  ksi  was 
equivalent  to  that  enveloping  the  microcracks  developed  ahead  of  the  crack  tip.  Both  the 
finite  element  calculations  and  experimental  observations  were  for  plane  stress  conditions 
(side  surfaces  of  the  crack  arrest  specimen). 

(iii)  The  effective  stress  distribution  in  the  matrix  alloy  was  extremely  non-homogeneous. 
While  the  value  at  the  interface  exceeded  the  matrix  ultimate  tensile  strength  (remote 
stress=72  ksi),  the  effective  stress  was  less  than  one  half  of  the  matrix  fracture  stress  at 
areas  between  SiC  panicles.  This  is  likely  to  lead  to  equilibrium  between  the  external 
forces  and  the  internal  ones.  The  non-homogeneous  stress  distribution  will  cause  local 
plastic  flow  in  the  matrix  alloy  and  premature  fracture  at  the  interface  zones. 

(iv)  Matrix  hardening  due  to  processing  does  not  have  a  significant  effect  on  the  stress 
distribution  in  the  matrix.  However,  the  dominant  effect  of  matrix  hardening  is  the 
limitation  to  the  amount  of  plastic  dissipation  work,  which  will  be  reflected  as  lower 
toughness  values  of  the  composite  material.  For  the  same  strain  energy  supplied  to  the 
specimen,  the  plastic  dissipation  work  for  the  material  having  a  non-hardened  matrix  was 
almost  twice  that  for  the  composite  having  a  hardened  matrix. 

(v)  The  composite  material  showed  a  high  degree  of  triaxiality  at  the  interface.  The  severity  of 
the  triaxial  state  of  stresses  was  measured  in  terms  of  the  mean  and  effective  stresses 
though  the  factor  crm/acfp  This  value  equals  zero  for  pure  shear,  0.33  for  simple  tension, 
and  is  infinite  for  pure  hydrostatic  tension  or  compression.  At  remote  stresses  of  57  ksi 
and  72  ksi,  this  value  was  0.45  and  0.62,  respectively,  at  the  interface.  This  is  equivalent 
to  a  more  than  30%  and  90%  increase  in  the  degree  of  triaxiality,  compared  to  simple 
tension  for  the  monolithic  alloy. 

As  mentioned  previously,  the  matrix  hardening  due  to  processing  does  not  significantly  affect 
the  stress  fields  developed  during  loading.  The  dominant  factors  which  affect  these  fields  are  the 
elastic  properties  (elastic  modulus  and  Poisson’s  ratio)  of  the  two  constituents,  the  A1  matrix  and 
reinforcements.  When  the  modulus  of  the  reinforcement  was  decreased  from  the  actual  value  (70 
million  psi)  to  a  hypothetical  value  of  40  million  psi,  the  nonhomogeneity  of  the  stress  field  was 
greatly  reduced.  A  similar  effect  was  obtained  when  Poisson's  ratio  was  increased  from  the  actual 
value  (0.24)  to  a  hypothetical  one  of  0.33  (which  is  equal  to  the  ratio  for  the  matrix  alloy).  Of 
course  the  detrimental  effects  of  the  high  SiC  modulus  on  stress  field  homogeneity  is  to  some 
extent  counteracted  by  its  benefits  in  raising  the  overall  modulus  of  the  composite. 

The  stress  field  ahead  of  the  crack  tip  was  also  affected  in  a  similar  manner  by  the  presence  of 
stiff  SiC  particles.  When  a  SiC  particle  was  very  close  to  the  crack  tip,  stresses  at  the  interface  was 


considerably  magnified,  indicating  a  tendency  towards  cracking  at  these  areas.  As  mentioned 
before,  the  plastic  dissipation  work  is  greatly  reduced  due  to  the  addition  of  SiC  to  the  base  alloy. 
This  means  a  smaller  plastic  zone  and  lower  values  of  fracture  toughness. 

Conclusions 

The  previous  results  strongly  indicates  that  the  matrix  material  adjacent  to  the  interface  is  the 
fracture  process  zone.  This  zone  is  degraded  during  processing  by  the  factors  mentioned  before. 
Moreover,  a  high  triaxial  state  of  stresses  will  evolve  due  to  external  loading.  This  triaxiality  is  due 
to  the  constrained  plastic  flow  of  the  matrix  which  is  bonded  to  stiff  particles  having  a  modulus 
seven  times  that  for  the  base  alloy.  Stress  concentrations  due  to  the  particle  geometry  will  increase 
the  degree  of  nonhomogeneity  of  the  stress  field  in  the  matrix.  Consequently,  local  plastic  flow 
and  possible  premature  fracture  will  take  place.  All  these  factors  will  lead  to  the  observed  low¬ 
toughness  fracture  in  these  metal  matrix  composites. 

What  are  the  possibilities  of  improving  the  toughness  of  these  composites  in  the  future?  From 
the  current  study  it  seems  that  the  mechanical  behavior  of  these  composites  is  strongly  dependent 
on  the  differential  properties  of  the  two  constituents,  A1  and  SiC.  These  properties  include  the 
coefficient  of  thermal  expansion,  elastic  modulus,  and  Poisson's  ratio.  While  the  differential 
thermal  expansion  consumes  more  than  4%  of  the  matrix  tensile  dunctility,  the  differential  elastic 
properties  results  in  a  very  non-homogeneous  stress  field  in  the  matrix  upon  loading. 
Consequently,  it  can  be  said  that  the  low-toughness  fracture  of  these  composites  is  an  inherent 
property  of  these  materials.  For  example,  if  the  processing  techniques  were  able  to  get  rid  of  all 
the  dominant  fracture  initiation  sites,  the  values  of  strain-to-fracture  might  not  be  significantly 
increased.  It  would  appear  that  the  fracture  behavior  can  only  be  changed  by  major  alterations  in 
matrix  microstructure,  particle  shape,  or  processing,  and  that  a  creative  and  innovative  approach 
will  be  needed  to  improve  composite  toughness. 


